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MECHANICAL PROPERTIES OF
TWO-PHASE CRYSTALLINE MATERIALS
By
Go S. Ansell
Associate Professor of Metsellurgical Engineering

Rensselzer Polytechnic Institute
Troy, New York

Introduction -

One method of enhancing the mechenical properties of a crystalline solid
1s by the addition of a distributed second-phase. In general, when & finely
divided second-phase is distributed in a crystalline matrix, an alloy 1is
formed which is considersbly stronger than the single-phecz matrix elone.
These alloys are termed dispersion-strengthened alloys.

Al+hough dispersion-strengthening is but one of several methods which
mey be utilized to increase the strength of a crystalline so0lid, it has
sssumed a predaminant position in the cons}deration of strengthening solids
for high temperature service applications.™ This predominence arose largely
due to the discovery by Irmann“ that aluminum alloys produced by compacting,
hot pressing, and extruding fleke or atamized aluminum powders, possess re-
marksble high temperature properties including the retention of usable me-
chanical strength at temperatures as high as the melting point of alumimum.
These SAP alloys consist of a dispersion of aluminum oxide particles in an
aluminum matrix, During the powder consolidation process, the alumimm
oxide coating originslly prescnt on each powder particle fractures end is
dispersed within the alloy.

During the past 15 yeers since Irmenn's disci>1renr of the sluminume
aluninum oxide SAP =2lloys, a great deal of effcrt™ has been expended to
develop SAP- alloys, utilizing higher melting temperature elements for
the matrix, in the hope that these dispersion-strengthened alloys would re-
tein significant levels of strength at temperatures as close to the melting

alumimm oxide SAP alioys. ‘The successiul develomment of these SAP~Type
alloys has, however, not kept pace with this considersble effort.

To this date, not one high melting temperature matrix element dis-
persion-strengthened alloy hes been developed which retains significent
mechsnical strength at comparsble temperatures relative to the matrix aelte
ing temperature as the useful service temperatures of the SAP elloys. Thls
unsuccessful developmental effort is symptamatic of the lack of funde: sntad
knowledge concerning the nature of dispersion-strengthening.

'(It is the ptirpose of this paper to present a thedretical approasch :
account for the observed stremgthening behavior of dispersion-strengthe: -
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a.lloys,,’ Since the field of dispersion-strengthening is neither new noco
sterile, it is necessexry firat to put this approach into same historical
perspective,

That a dispersed second-phase strengthens a crystalline matrix, has long
been recognized and made use of. Most of the commercially important engineer-
ing metal slloys derive thelr strengths on this basis. Well-known examples
include steels containing dispersions of cementite in a ferrite matrix, be
they in the form of lamellar cementite in a paarlitic structure, or of spher-
oidel cementite in a tempered morternsitic structure. Precipitation-hardened
ferrous and nonferrous alloys demonstrate a marked strengthening effect due
to the finely dispersed precipitate phase. Historically, the metsllurgist,
although in the forefront smongst materiels area disciplines in the use of
the structure-properties correlation concept, strove to explain the obsgerved
strengthening of two-phase alloy systems, not upon the structural similarities
generally camon to these allaoys, but instead, compartmentalized his thought
within the fremework of the rrocessing which produced the structure. Hence,
one finds precipitation hardening, dispersion-strengthening, and the hardening
of steels explained both thoroughly and uniquely, but seperately and incon-
sistently aithough each achieves its strength due to the presence of a finely
distributed second-phase. Although of course the structures of these materi-
als are obtalned by different techniques, all have the szme basic structure.
Any mechenisn proposed to account for the observed strengthoning tehavior
of two-phase alloys must be gpplicable to 2ll materigls with similar struc-
ture independent of the method utlilized to produce the structure.

Recent techniques, perticulerly tranamission electroz microscopy, have
enabled the experimentalist to extend his view beyond observations of the
microstructure and gross properties of crystalline materials to the deforma=-
tion process 1tself, Any mechanlism propoced to account for strengthening
behavior must therefore not only predict the gross mechanical behavior of the
material fraa knowledge c¢f its structure, but also must be consistent with
velid observations of the deformation process.

It 1s within this context that this paper has been written. The paper
is not intended, however, to uec & weview of all work which has been performed
in the field of dispersion-strengthcuing. Rather, an approach is presented
vhich is proposed to account for the observed strengthening behavior of two-
phase crystelline solids., Same aspects of this material have been published
previously; others have not. In eddition, many of the ideas included are of
course controversial and should be considered as part of a continuing research
program instead of the result of caupleted work.

General Approach

The theoretical treatment of the observed strengthening bchavior of
dispersion-strengthened alloys would be relatively casy 1f all the mechanical
properties could be explained by one mechanism or calculation. Unfortunately,
this is not possiple. Any mechanical property involving plasticity has to be
evaluated in terns of dislocation motion. However, the mode of dislocation
motion responsible for one particular property msy not be important for
another property; e.g., at low temperaturec one 1s not concerned with dis-
location climb, whereas at high temperatures climb is necessaxry to oxplain
recovery. Therefore, it is not possible to derive a unique theory which
will explain all the mechanicel properties of dispersion-strengthened elloys,
but rather, esch mechanical property must be treated individually.




1. Yield Strength Behavior

Plastic deformation in crystalline solideis due to the movement of
dislocations. Crystals yield when large mmbers of dislocations can move
apprecisble distances through the lattice. This process recuires that
under the action of an applied stress, two consecutive processes must occur
first, dislocations are gemerasted et some socurce; and second, these disloca-
tions move apprecieble distances through the crystel. Whichever of these
requires the higher stress - dislocation generation or dislocation mobility -
controls the ylelding behavior of the solid. In single-phase materials,
either of these two processes may be controlling, In pure annealed metals,
dislocation generation generally controls. the yielding behavior. In solid
solution strengthened metals and in scme non-metallic crystals, dislocation
mobility may be more restrictive.

In dispersion~strengthened allays, however, the stress necessary to
move dislocations apprecisble distances along a lattice plane is higher
than the stress required to gemerate dislocations from a source., In this
case, the interaction of the dislocetions with the dlcpersed second-phase
particles contro%s dislocation mobility and hence the ylelding behavior.
Angsell and Lenel” have proposed a model to account for the ylelding behavior
of disperpion-strengthened alloys. This model was latﬁr extended for the
apge of very fine dispersed-phase particles by Ansell.

a) Modsl

Dislocations are formed at dislocation sources under the action
of an pplied stress. The nature of the sources is not critical in con-
sldering the model. As the dislocations expand fram sources, they are
either blocked fram further motion by the second-phase particles, or they
continue to move by bowing ebout the dispersed particles, leaving residual
dislocation loops surrounding each particle. In either event, if the dis-
location 1s completely blocked by the particles, or if the dislocations bow
past the particles, ylelding does not result. This postulate can be supported
by the following simple argument:

The first dislocation generasted at a source moves in the slip plane
until it is blocked from further movement either by the dispersed particles,
or by its interaction with dislocatifons nucleated from other sources. In
single-phase materials this blocksge of the lead dislocation by dislocations
from other sources is overcome by the increese of stress on the dislocation
due to the pile-up of subsequently mucleated dislocations behind the leed
dielocation. In a dispersion-strengthened alioy, however, the lead dislo~-
cation remains blocked because: 1) the stress field of the residual loops
decreases the effective stress on the dislocation source. Therefore, beceuse
the effective stress on the dislocation source is reduced, fewer dislocations
are nucleeted at each source; 2) the stress field of the residual loops inter-
acts with the piled-up dislocation group, changing the pile-up spacing. This
reduces the stress fleld ahead of the leading dislocation of the piled-up
group of diglocations. Both of these factors decreese the stress on the lead
dislocation, making it easier to be blocked. Therefore, the plastic strain,€
of the dispersion-strengthened alloy is

€ = MNar R®p (1)
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where M is the density of the dislocation sources, N is the Dumber of dis-
locations nucleated at each source, R is the average radius of the dis-
location loops, and b 1s the Birgers vector of the dislocstion. Agsuming
rcasoneble vi}ges for these, M = 09 sources/cm”; N = 10 aislocations/source;
R=1l/2 (M ), and b = 2 X 10°° cm,., the resultant strain sssociated
wvith ylelding; e.g., thg strain associated with the engineering offset
yield stress is 2 x 10”7, Therefore, plastic deformation stops, and yleld-
ing has not occurred when the back stress on the dislocation source, due to
an array of elther blocked dislocations or of residual loops arcund the
particles, exceeds the applied stress. The choice of the value for the
source density in the evaluation of equation (1) is not critical since the
strain veries as the cube root of the source demsity. Under these con~
ditions, in alloys with fine dispersions, no apparent ylelding has yet
GccurTeds In order to cause sucu yielidiug, Ttiue shear stress due eiwner To
the dislocations plled up sgainst or around the particles much fracture or
shear the dlspersed second-phesc particles. This fracturing or shearing of
the dlspersed particles relieves the back stress on the dislocation source,
and also increases the streses on the lead dislocation. The dislocations
then can sweep out arees on the slip plane which are large with respect to
the dispersion spacing.

Even at one half or more of the absolute melting teuperature of the
matrix metal, fracture or shear of the second-phase particles should be
necessary for spprecieble yielding to occur unless recovery takes plece,
Recovery can occur either by climb of piled-up dislocations st a rate
exceeding the applied straln rate, or by cross slip of piled-up disloca~
tions out of the slip plane 1f the gecmetry of the dispersed phase
particles permits. The possibility of recovery is not considered in the
following calculations: '

b) Calculations Based Upon Model.

On the basis of the preceding model, thﬁ yield strength of a
dispersiop-strengthened alloy is now eveluated. -7

The method of calculation is straight forwerd. First the shear stress,

T, on the dispersed phase perticle, due elther to the lead dislocation
fram the dislocation source or to the inmer residual dislocation loop
if the lead dislocation has bowed past the dispersed particle, is calcu-
lated as e function of the externmsally applied stress on the crystal,0
Then the shear stress, F, required to either shear or fraeture the dis-
persed particle is evaluated. TFram these calculations, the yield stress
of the dispersion-strengthened alloy or the externslly applied stress re-
quired to shear or deform the dispersed particles, is determined.

The chear stress, T » on the dispersed phase particle iss
T=no . (23,)
vhere n 1s the mmber of dislocations piled up against or looped around
the dispersed particle, if the radius of curvature of the dislocation
nearest the particle is greater than ;A.b/o-, where M4 is a shear modulus of
the matrix crystal { m=[%Cua(C,C,)]%  for cublc crystals, C; i belng
the usual elastic constents).

If the radius of curvature of the dislocation nearest the particle is
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less than ﬂbﬁ. the zhear stress, 7’, on the dispersed-phase particls isi
T= At

vhare p is the radius of curvature of the dislocation neerest the ()

dispersed particle,:

The mmber of dislocations, n, in equations (2s) and (2b), acting on
the particle depends upon the spacing between particles according to the

o n=22 T fub (3)
where A\ 1is the spacing betveen dispersed-phase perticles.

Cambining equations (2a) and (3), the shoar stress on relatively
large dispersed-phase particles; 1.e., in the case of spherical particles,
perticles vhose diemeter, d, 1s greater than Lubfr, im

T= 210 b (ba)

Cambining equations (2b) and (3), the shear stress on relstive fime
dispersed-phase particles; f.e., in the case of spherical particles,
particles vhose diameter, 4, is less then 2uik/ , is

T= 2294 ()

The shear stress, F, that vill either shear or fracture the dispersed
mmmiaugwdwomimaltoamcm,/u, » of the
particle. Therefore: # /e

Fap - ()

vhere C 18 a constant of proportionality, which can theoretically be shown
to be in the neighbarhood of 30, For some types of dispersed particles,
particularly in the case of the metasteble phases or zones which appesr as
the t of the heat treatment of some precipitation hardened allays, other
methods” of evaluating the shear strength, F, of the particles have been
utilized. If a system is considered where such an alternative estimste of
the shear strength appears warraated, its substitution for the shear strength
predicted by equation (5) would Be Justified.

Combining cquations (4a) and (5), the yleld strength, Tq.5. of & aise
persion~-strengthened alloy containing relatively coarse dispersed-phase

particles is: )
Qs = (mbpt/aac) ™ (6a)
Conbining equations (4b) and (5), the yleld strength, 071,—% of a ale~
persion strengthened alloy containing fine dispexrsed-phase particles iss

"~
TGs.= " Voac: (6v)
8ince it can be shown that in the case of an alloy containing spherical
particles that: 2 4_& - Of?”

& s (7
vhere £ is the volume fraction of second-phase particles, equation (sz ey
be rewritten in the form: //_1‘ v i
Tqes, ™ IS 5 ’(ah-?"x) (8)

When the dispersed-phase particles are not spherical, it becomes
necessary to Judiciously evaluate the particle size which delinestes the
boundary between the use of the camputations for either the relatively
coarse or fine particles: The tvo computationul treatments are of course
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canpatible with the model, eech being the limiting case of the other.

c¢) _Allgy Design Based Upon Yield Strensth Calculetiong,

The design of two-phasc materials as regards yilelding dehavior
13 discussed on the basis of the preceding calculations. Before entering
into specific discussions of this area, however, it is necessery to con-
sider the physical significance of the yleld strength as calculated by
use of equations (6a), (6b), and (8). This yleld strenzth is the stress
required to produce apprecieble or measursble plastic deformation. As
such, it 1s most closely identified with either the criticel resolved shear
stress of single crystals or the elastic limit of polycrystalline materials.
In the case of polycrystalline meterials, the engineering offset yleld
stress would be higher than, but proportional to, the calculated yleld
strength.

1) Materials Selection: The shear modulus is the only property
of elither the matrix or dispersed phasc vhich affects the ylelding behavior

of two-phase materials. For two-phase materials where the dlspersed particle's

diameter is greater than 2. & /g7, s, , the yleld strength is proportional
t0 the square root of the product of the matrix end dispersed-phase shear
moduli., For two-phase materials where the disperssd particle's diameter is
less than 2« b /05,5, , the yleld strength 1s proportionsl to the shear
modulug of the dispersed phase, In the design of two~phase meterlials for
high yield strengths, therefore, a dispersed-phase with a high shear modulus
should always be selected, while the shear modulus of the matrix 1 only
importent if the dispersed perticle sizc 1s relatively large. This leads to
the interesting conclusion, that if the dispersed-phase particle cize is
sufficiently fins, the yleld strength of the two-phase meterizl is indepen-
dent of the cholce of matrix phase.

11) Dispersed Phase Morphology. Consideration of equations
(6a) and (Gb) indicates that tue finer the spacing between dispersed phase
particles of comstent size, the higher the yield strength of the two-phase
material, For such materials, the yield strergth is proportionsl to the
reciprocal sguere root of the dispersion specing for dispersed particles
vhose diemeter 1s grester than 2« bAs. s, and is proportional to the re-
ciprocal of the dispersion spacing for materials containing dispersed
particles of flner size. These relationships are shown schematicelly in
Figures 1 end 2. If, however, onc considers the strength of a two-phase
material contalning a glven volume fraction of disrersed rhase,. but
varies the interparticle spacing by changing the particle size, this con-
tinued increase of yield strength with decreasing interparticle specing no
longer holds. As indicated by equations (6e) and {8), and as illustrated
in Figure 3, for a two-phase matcrial containing e constent volume fraction
of a second phase, 1f the second phese is subdivided into finer and finer
sphericel perticles, decreasing the interparticle spacing, the yleld strength
increascs with the reciprocal square root of the dispersion spacing until
the perticle diemeter is less than 24 b /05,5,  For particle sizes smaller
than this, the yleld strength reaches a maximum limit roughly proportional !
to the cube root of the volume fraction of dispersed phase. In fabricating
o tvoe-phose matericl for highest yicld streongth, the matrix should contain
the lawgost prectical volume #wactlen of second phace particles whose maximum
porticle diemeter 1s:
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The effect of particle shape upon yleldlng behavicr 1s important for
two reasons. Firstly, if the dispersed phase is not spherical, it 1s aiffi-
cult to determine the particle size below which the shear stress on the
dispersed particle due to the radius of curvature of the dislocation next
to the particle becames important, Secondly, if the natrix system is such
that recovery by cross slip cam occur, then the particle size and speacing
became very importent. This 15 perticularly evident in e matrix with a
high stacking fault energy: e.g., aluminum, One con assume, however, that
i1f the height of the dispersed phase is approximately twice the particle
spacing, eross slip can be neglacted. I2 the height of the particle is not
this laxge, cross olip will probably occur in a high stecking fault energy
natrix. For these latter slloys, dispersion strengthening can occur, but
the yield strength will not be governed by the shear or fracture stress of
the second phase particle, but rather by same function of the cross slip

geanetry,

1i1) Dispersed Farticle ~ Matrix Interface. In order to increase
the yicld strength of a crystalline matrix, the dispersed phase must impede
the movament of dtslocatiomns, In order for the dispersed particles to
hinder dislocation movement, the dislocationc must be repelled from the
dispersed phase-matrix interface, Thercfore, the interface has to be of
. cuch & nature that in itself it is e barrier to dislocation motion, or
thot the strein field of the dislocation can be mechanically transmitted
fron the matrix lattice, through the {interface, into the lattice of the
dispersed phase, In order o accauplish this, the metrix hes to either "wet",
edhere to, or cohere with the dispersed phase pairticles, This charscteristic
of dislocation interactic? through an interface, with another phase, has been
clearly chowvn by Baxrett ! in his experimental investigations of the elastic
after-effect for wires twisted in torsion. A similar investigation of the
presence or cbsence of the elastic after-effect in wires of the matrix
metal coatsd with a proposed dispersed phase should give good indication
of whether the interface between the two phases of a particuler two-phase
gystem possesses this required property. '

This discussion brings out the fact that in cder to obtain dispersion
strengthening, the second phase may cohere, but does not have to cohere to
the matrix. The principal characteristic of the ccherency effect is the
lettice otrein it produces in both the matrix end the second phase. If the
coherency straoin changes either the matrix modulus around the dispersed
porticle or the dispersed phase modulus, then it will affect the interaction
between dislocations and the dispersed pexrticles For the purpose of calcu-
lating dispersion strengthening effects, the size of a complex conslsting
of the precipitated particle and the strailned coherent region of the matrix
surrounding it where the modulus 1s significantly changed should be important,
rather than the size of the particle alone.

iv) Service Temperature. The effect of temperature upon the
yielding behavior of dispersion-strengthened allays is a two-fold one,

First; the yleld strength of these alloys is directly dependent upon
the dispersed phase perticle size and distribution. Any change in the dis-
persed phase morphology of an alloy will, therefore, change its yield
strength. For elevated service application, the major problem is therefore
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structural stability. Any dispersed phase structure which 1s produced by

& second-phase rejection fram e salid solution is inherently unstedble for
service uge at elevated tempereturess The degree of instability veries with
both the gystem and the service temperature. Most precipitation hardened
elloys, for example, maintein a steble dispersed phase structure at tempere~
tures up to 100 to 200°C below the teuperature at which the second phase

wes formeds In this tempersture range the rate of second phase coarsening
1s alow enough to be comsidered negligible. Forr exsmple, martensite
tempered at 500°C would be suitable for service use at temperatures as high
as 350°C, On the other haud, same of the nickel bace superallays make use
of a camplex precipitation structure to maintain & constent dispersed phase
stxucture at very high temperatures. During high tanperature service, pre-
cipitate particles are continuously rejected fram solid sclution to replace
those perticles which have coarsencd. In these alloys, a dynamic structursl
equilibriun is maintained to insure uscful service properties.

The ultimate in maxirmm possible service temperature of a dispersion-
strengthened alloy 15 the melting point of the matrix metal. The sluminum-
alunimm oxide "SAP-Typc" alloys fall into this category, The aluminum
oxide particles arc campletely stable in the aluminum matrix. In order to
design other dispersion-strengthened alloys which also have this ultimate
ugeiul service temperature, the second phase must be produced by techniques
other than by regecticm fran solid solution, Sane techniques which can be
used include: 1) consolidation of fine metal powders vhigh are cogsted with
a stable sccond-phase by powder metollurgical techniques;® 2) consolidation
of fine duplex phece metal powders in vhich onc phase has been formed during
powder production by rejectiopn from the melt ond 46 inscluble in the soldd
matrix; e.ge, copper in lead;g 3} consolidation of fine powder mixbures of
the matrix end dispersed phases, O In order to maintain the maximm struce-
tural ctability, et least one component cf the dispersed phase must be com-
pletely insoluble and non-diffussble in the matrix metal,

Second, if the structure is completely stsble, the yield strength still
shows some vorlation with temperaturc, This arises due to the change in the
elastic constants of the alloy associzcted with tempersture. Inspection of
equations (62) and (8) chows that of the terms which determine the yield
strength of o dispersion-strengthened alloy only the shear moduli have an
apprecicble tamperaturce dependences Therefore, if the temperature depen-
dence of thesc modull is knowm, or if a reasonsble epproxdmation of this
dependence can be mede, the variation of the yield strength with temperature
chould be predictsblc.

t i5 interesting to consider the design of o two-phase materisl wherc
the tomperzture dependence of the yleld strength does not refleet the tempera~
ture dependence of the matrix phace, This is of narticular importance for
vexry high tomperature applications, vhere the service temperaturc. is high
es camparcd to the melting tompersturc of the matrix, In this temperature
ronge, the chear modulus of the matrix would decrease rapidly. If the dise
persed phase particle size is less than 24 b4 ¢, the tcmpersture de-
pendence of the yield strength of the two-phase material is only dependent
upon. the temperature dependence of the shear modulus of the dispersed phase.
This would dictate the sclection of o dispersed phase which had a consider-
gbly higher nmelting temperstusc then the melting temperature of the matrix,
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and s dispersed particle diameter less than 2 4t b/ Ug.s. vhen designing
an alloy for high temperature service.

d) Consistency of Yieldinz Behavior Theory with Experimental
Observations.

In order to consider the validity of this proposed treatment of
the yleldinz behavior of two-phase crystalline solids, it is necessary to
determine if both the calculations based upon the dislocation model de-
seribe the gross yielding behavior of such materials, and if tiie model of
dislocation interactions with second-phase particles utilized is consistent
with observations of the deformation process. In this section, experimental
data indicative of both gross yielding behavior and dislocation motion in
two-phase materiels, are presented in terms of the proposed theory. Since
there are surprisingly few datas avallable in which both the microstructure
and yielding behavior are reported, this treatment can only be indicative
of the apparent validity of the proposed theory., )

!

1) Gross Ylelding Benavior. Roberts, Carruthers and Averbach'

determined the lower yleld strength of several hypoeutectoid, eutectoid,

and hypereuctold steels, same nf them with a pearlitic, others with a
sphersidized structure. " For thls same series of steels, the authors
optically detexrmined the meen spacigs between carbide particles or pearlite
patches. Lenel, Ansell and Nelson™“ determined, hy. quantitative electron
microscopy, the average spacing between the plate-like oxide perticles, for
a series of almninum-e.lmni. oxide SAP-Type alloys. For these same slloys,
Lene)l, Backensto and Rose™” determined the 0.2% offsst yield stress. The
critical resolved shear stress of a series of oversged high-purity aluminum-
copper alloys and the spacing between the dispersed second-fgaae particles
‘in these alloys was determined by Dew-Hughes and Robertson.

The two-phase materials utilized in each of these investigations are
representative of turee distinctly different methods of producing a dispersed
phese distribution in a matrix materisl: eutectoid decomposition, powder
metallurgy, and precipitation fram solid solution. The dispersed particle
size in each of these two-phase materials was relatively large; therefore
the yield strength behavior predicted by equation (6a), in which the yield
strength varies as the reciprocal cyuare root of the dispersed phase spacing,
should descryibe these data. A least squares analysis of these data shows that
the yield stiengths for each..of these alloys varied as the reciprocal sqguare
root of the dispersed phase specing. In aeddition, the observed yleld strengths
in each case were roughly the same as calculated from equation (6a).

In an investigation of the ylelding behavior of alloys consisting of very
fine igherlcal particles of iron dispersed in a mercury matrix, Meiklejohn and
Skoda™/ found for a series of these alloys which_contsined dispersed phase
particles whose diameters ranged from to T70A that the offset yield stress
could be described by two empirically determined equations. These equations
are identical to equations (6a) and (8) except for the sddition of a stress
constant corresponding to the determinstion of the offset yleld stress rather
than the type of yleld stress predicted fram the theoretical equations.

Aghvey snd Sm.ithls determined the yield strength and spacing between
disperccd oxide particles for & series of internally oxidized coppex oclloys.
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They found that the yield strength varied as the reciprocal of the
dispersed phase spacing. This is the behavior predicted by equstion (6b)
fo a series of alloys such as these, where in each of the samples the
dispersed particle diameter is of constant size and is less than "A-,ub/ﬁ'.;,, )

‘The temperature dependence of the proportional limit of two alumimm-
alumimm oxide SAP-Type alloys was determined by Lenel, Ansell and Bosch'’
over the temperature range fram 0,1 tc 0,87 homologous temperature (90 to
TT3°K)s These data indicated that the temperature dependence of the pro-
portional limit was reasonably described by the square root of the tempera-
ture dependence of the product of the matrix and dispersed phase moduli
as mredicted by equation (6a).

‘L The variation in yleld strength as a function of the structural

i changes which occur during the aging treatment of preiépitation hardened

i alloys has been extensively determined quelitatively.*“ Figure 4 is a

+ schematic plot of the yleld strength variation versus aging time which is

*¢ypical of that observed for precipitaticn bardened alloys. The yleld
tatrength prior to the sging heat trestment is that of the supersasturated
solid solution. As aging progresses, the volume fraction of the second
phase precipitate increases. Since the particle size of the precipitate is
‘very small, the yleld strength increases as predicted by equation fe); i.e.,
the yleld strength is approximately proportional to the cube root of the
volume fraction of the precipitate phase. If metastseble, intermediate zones
or phases are formed during the precipitation, this is reflected in the yleld
strength due to the variation in shear modulus associated with these pre-
cipitated phases,

At some point in the aging process, the equilibrium phase will replace
any intermediate zones or phases that msy have formed. From this time on
the shear modulus of the precipitate remains constant and exerts no
further variation on yleld strength. The precipitate particles continue
to coarsen as aging progresses. After all the second phase is rejlected
from solid solution, the only effect of aging 1s to coarsen the precipitate
particles. The yield strength of the alloy remains constant during this
process until the precipitate particle diemeter is greater than 2u«b/d3.g.-
Until this time the yield strength is only sensitive to the volume fraction
of the second phase end not to the interparticle spacing. As aging con-
tinues beyond this stege, the yield strength falls off, since the inter-
particle spacing increases with increased perticle coarseness. Here the
yleld strength is given by equation (6s).

11) Dislocation Interactions with Second Phase Particles. The
interaction of dislocations with dispersed oxide particles in recrystellized
eluminum-alyminum oxide SAP-Type alloys has been extenesively investigated
by Goodrich 9, utilizing transmission electron microscopy. This investiga-
tion has demonstrated three factors which are relevant toword consideration
of the consistency of the theoretical treatment of the yielding behavior
of two-phese materials with the observed dislocation motion in these
materials.

Two of these factors are intimately connected with the validity of
interpretation of transwission eleciron micrographs as regards the inter-
action of dislocations with dispersed particles during deformetion of



tvo-phase sollds. Firet, the dislocation configuration, upon which the
theoretical model for the ylelding behavior is based, is unstable and will
relex 1f stress is removed fram the two-phase system. Conventionally, the
thin folls which are viewed by tranammission electron microscopy are un-
stressed and therefore relaxed. If a bulk material is deformed, then
thinned and exsmined in the electron microscope, the observed dislocatiom
configuration msy be totally different from the bulk dislocation configura-
tions This relaxation of structure is clearly demonstrated in the sequence
of transmission electron micrographs shown in Mgure 5. A dislocation loop
surrounds a dispersed aluminum oxide particle in the first micrograph in

the sequence. This configuration 1g consistent with the dislocation model
utilized in the theoretical treatment. As shown in the rest of the sequence,
this loop is unstable in the absence of an applied stress, and expands until
it reaches the surface of the foil. At this time, only two dislocation
segments running from one surface of the foll to the other remsin. These
move, leaving only the slip traces on the foil surface as evidence of the
presence of the original dislocation loops Even if the foll is stressed
during observation, the nature of the disiocation particle interaction

mgy be different in the foil as campared to the interaction behavior in

bulk materials,

Figure 7, a sequence of tranasmission electron micrographs, shows the
interaction of a moving dislceation with a group of dispersed aluminum
oxide particles, A dislocation is shown moving through the foil. Tha
edge component of the dislocation loop is blocked from further motion by
the dispersed particles. The dislocation asttempts to bypass the particles
by bowing past them. As shown in the other micrographs of the sequence,
instead of campleting the bowing »rocess, leaving residual dislocation
loops about the particles as would be the case in bulk samples, ths dislo-
cation intersects the foil surface leaving a dislocation segment extending
from the foil surface, around the particle, and recmerging from the foil
surface. This interactlion 18 shown schematically in Figure 8. This
observation is interpreted as confirmation of the formation of residusl
loops about dispersed particles in bulk materlels as a result of disloca-
fLons bowlng between particles.

The third type of dislocation-particle interaction observed in this
study which is relevant to the ylelding treatment, is shown in the sequence
of electron micrographs in Figure 6. In the first micrograph of the
sequence, a dislocation hag moved against s very asmall dispersed aluminum
oxide particle, As shown in the second micrograph, the radius of curvature
of the dislocatiovn decreased, end the dislocation at this point cut through
the particle. The shear stress on the particle due to the radius of
curvature of the dislocation as calculated using equation (2b) is equal
to the fracture strength of the particle calculated using equation ?5)

It should be noted that except for the use of sequenticl photograply,

i1t would be all but impossible to obtain a meaningful interpretetion of
thege dislocation-particle interactions,

2. Work Hardeningz.

The treetment of work hardending in a quantitative manner is an



Figure 5:

Figure 6:

5
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Sequence of dislocations relaxing away from

dispersed-phase particle; 15 seconds between
each micrograph.

Sequence of dislocation cutting dispersids-
phase particle; 15 seconds between each
mierograph. Arrow points to jom.
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extremely difficult tesk. Even in single-phase alloys, nc unambiguous
quantitative treatment of work hardening has yet been proposed. Hence,
in this section a qualitative picture of work hardening in dispersion-
strengthened alloys will be presented.

In singie phase materials, Wilsdorfao has proposed that work harden-
ing is due in large part to the formation of dislocation loops left as
debris in slip planes by Jogs on moving screw dislocations. These then
mushroom their effect on work hardening by their interaction with successive
dislocations eventually leedlng to dlslocation tanzle formation and the
rapid buildup of substructure.

Goodrich has observed, utilizing transmission electron microscopy,
that in the deformation of sluminum-aluminum oxide SAP-Type alloys, a
similexr though accelerated work hardening process occurs. The discussion
vhich follows was developed Jointly between Mr. Goodrich and the author,
In addition to the Jog formation mechanisms which heve been observed in
single-phase materials, in twc-phase materisls dislocation jogs are found
whzn dislocations cut through the dispersed phase particles, This Jog
formation, due to cutting of the dispersed pexrticles, is shown in the
sequence of electron micrographe in Figure 6. This Jog formation can be
expleined by the following argument. It is unlikely that the stress on
the moving dislocatlion ie a simple shear stress parellel to the active slip
plane. Rather, one wonld expect thet therc 405 a non-vauishling camponent, of
stress normal to the dislocation slip plane which would act as a driving
force for dislocatlion climb. Although at roan temperature one ordinarily
would not consider the possibility of dislocation climb in saluminum, climb
over short distances is possible for the length of the disiccation line
vhich 1s cutting the dispersed particle. During the cutting process, the
fracturc. of the second-phase particle creates essentislly a free surfsace
providing an excellent source or sink of vacancles. In this region, there-
fore, the dislocation could climb, producing a superjog. Although the jog
lies on an edge segment of dislocation lines, this segment may bear little
relation to the original line orientation due to bowing during the cutting
process., Since this process occurs frequently during delformetion of two-
phese materials moving dislocatlions contain a large density of Jjogs. This
accelerated Jog formation produces a dislocation configuration which,
following Wilsdorf, leads to extensive tangle formation,

Concur=ent to the accelersted tangle formetion, the tangles lntertwine
with some particular conflgurations of dlspersed particles, producing
extensive volumes of the two-phase materials which contaln such heavy
substructure that they are essentially removed from the deformation process.
Succeeding dislocation movement eppears confined to relatively substructure-
free volumes of the crystal, Thic restriction to the volume of delforming
material occurs rapldly, leads to rapid work hardening, and becomes particular-
ly importsnt in the consideration of processes where the total deformation
volume bacomes important; e.g., fracture and creep.

3« Creep Behavior

Creep 18 the extension of crystals under constant stress at a constant
tempersature, Creep behavior has been deccribed rheologically for many years.
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Not all the different modes of creep which have been observed can be
reaiily explained on the basis of a dislocation model. However, ome
type of creep lends iteell well to such a treatment. This is steady-
state creep; l.e,, creep at a constant rate, at temperatures ebove one-
half of the sbsolute melting temperature.

In order to treat steady-state creep, models must be set up to
describe both the metallurgical structure and the dislocation configura-
tion in the alloy and the assumption be made that both structure and
configuration remain constant. The rate is then evaluated by calculating
the density of dislocations moving in the cryetal and their rate of motion.
Two creep theories have been developed by Ansell and Weertman™ for
dispersion-strengthened alloys. The first theory should be applicable to
alloys in which the ratio of grain boundary area to volume of the alloy is
suall. Ansell and Weertman base their theory for the creep of these
coarse~grained alloyg on a model for creep essentially due to Mott and
adopted by Weertman. 2 According to this model, dislocation loops are
created at sources under the action of an applied stress, The loops
expand t0 some maximum radius at which point they are annihilated by
climbing to dislocations of opposite sign on neighboring slip planes.

Just as fast aa loops are destroyed, new loops are created at the sources
end steady-state creep 18 produced. For single-phase materisl the ra
controlling process for creep can be either the climb of dislocation

or the viscous motion of a dislocaticn by same microcreep mechanism. 4
For coarse-grained dispersion-gtrengthened alloys it 18 ressonable to
asgume, as suggested by Schoeck®’ that the rate-controlling process for
steady-~state creep is the climb of dislocations over the second-phase

particles,

Ansell and Weertman's second creep theory was developed to account
for the creep behavior of fine-grained dispersion-strengthened alloys.
In this theory, it is postulated that the rate of dislocation nicleation
from grain boundaeries 1s the rate-controlling process for steady-state
creep in these fine-grained dispersion-strengthened alloys.

In the following sections, each of the two theories is presented:

a) Steady-State Creep Defined by Dislocation Climb

In order to calculate steady-state creep rates based on
dislocation climb, samewhat different models have to be adopted for &
lov stress region in which the stress 1s insufficlent to bow dislocation
loops sbout the perticles and for a high stress region, in which the
stress will cause the dislocations to bow between the dispersed-phase
particles, leaving residual loops surrounding each particle.

For both of these models, assumptions must be made concerning the
origin of the dislocations in the disgpersion-strengthened matrix and the
fractionsl volume of the matrix which can particimte in the deformation
process., The density of dislocation gources in the two-phase materials
should be approximately the same as in the single-phese crystalline aolid.
Hovever, since it was shown in the section omn work hardening that two~phase
materials have much less volume of material which can continue to deform
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as compared vith single-phase crystalline solids, it is not as easy to
determine the fractional volume of matrix which can participate in the
creep processe It is assumed, therefore, that the fractional volume of
deformeble matyix is saze fraction, o , of the deforming volume of a
single-phase materisl. Although at this time it i1s not possible to calcu-
late a value for this fraction, o¢ , it should be a constant for two-phase
erystslline solids vhich have equivalent microstructures and deformation
history. Mor this reason, the theoretical celculations mede to predict
the steady-mtate creep behavior of two-phase crystalline solids can only
predict the meximum value of the absolute value of the cbserved creep
rates, The theory should, however, quantitatively describe the effects
of stress, temperature, and microstructure upon the observed creep rate.

i) ™ at Lov Strecsses. The creep rate in this situation
mey be calculated in the following manner. The creep rate is equal to
the product of the fractional volume of deforming material, the mmber of
dislocation sources per unit volume giving off dislocation loops, the
plastic strain produced by one dislocation loop upon expansion to its
meximum redius, and the rate ol production of dislocsation loops at any
one source. The creep rate, K, 1s therefore equal to:

K=o M ﬂ"»‘( bR (9)
where >Xis the fractional deformsble volume, M is the density of
dislocation sources, X 1is the maximum radfus, b 1s the length of the
Burgers vector of a dislocation, and R {3 the rate of creation of dis-
locations at one source.

The maximm radius 3 can be calculated fram the following e.r'gument.a3

The probebility must be essentially one that at the meximum radius X a
dislocation loop is blocked from further expansion by dislocations on
neighboring slip plenes. Consider a pill box of radius = and height h.
Let one dlislocation source be situasted at the center of this pill bex,
There must be three other dislocation sources in the box, egince it takes
at least three other sources to block a dislocation loop. These con-
ditions mean that the velue of X must be such that (10)

IMT-X*hx3
or L 2~4 Mh (11)
vhere h is the distance climbed by a dislocation in order to
annihilate a dislocation on & ncighboring slip plane. In the calculation
of the steady-state creep rate of a single-phase alloy, the distance h
is a function of stress.<> In the present problem the distance of climb
around particles is fixed by the geametry of the dispersed-phase (distances
oi the order of a micron), and is usually greater than the stress-dependent
values of h for single-phase alloys. Thus it is reasonsbl: in the present
calculations to take a stress-independent valuc of h equal to the
dimensions of the particles, d.

Consider next the term R, the rate of creation of dislocation loops,
vhich appears in equation (97: This rate 18 equal to the rate at which
dislocations surmount the dispersed-phase particles. This is equal to the
height of climb divided into the velocity of climb:

R = v/d (12)
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This velocity of climb ig ¢ troued by the diffusion of vacancies
or interstitials. 2 calculated the velocity of climd for e
dislocation which could maintain an equilibrium concentration of vacancles
in its vicinity. This velocity was:

v% 0 b"D/ kT (13)
where U” is the stress, _Ig is the coefficient of self-diffusiom, k is
Boltmann's constant, and T is sbsolute temperature. The equation 1s
valid for an edge dislocation which is climbing by itself scme distance
avey from other dislocations.

Combining equations (9), (11), and (13), gives for the creep rate:
K=o b6'D /2 hTd™ (14)

(For unresolved stress and strain rates, the right-hand side of this
equation should be divided by >\ = )

11) Theory at High Streeses. Now an expression for the creep
rate will be developed for stresses great enough for dislocations to be
forced past the particles by bowing about the particles, leaving residual
dislocation loops surrounding end piled up against each particle. The
rate~-controlling process for steady-state creep now is the climb of the
residual dislocation loops around the particles. The climb of these loops
will be governed by the diffusion of vacancleg awey from or toward the
dislocation loop. 8ince the interface between the metal matrix and the
included particle should be a good source or sink of vacancies, the
vacancy flow will probably be between this interface and the dislocation
lines.

The rate at which the residual dislocation loops climb around the
particles and became emnihilated may be estimated. The loops are forced
to climb around the particles because of the interacticn forces of the
dislocations piled wp sgainst the particles. The number n piled up in
the distance 7] , the dispersion spacing, 1is:

mz 20X b (15)
The distance a residual dislocation loop must climb, .J\.., before
another loop can be pinched off sbout the particle is of the order:
b
N b/ e )b 20 A (26)
The rate of climb of the dislocation loop 18 given by equation (13) with
the stress replaced by the concentrated stress n 0 or:
v=20 b AD T (17)

R, the rate of dislocation nucleation, is equal to the dislocation
velocity v dlvided by the height of the climb, —A—~. Combining equations
(16) and T17) yields the expresaion.

R=4 ¥/ bulkT (28)
Using the seme argument for the dislocation sourcc density as related

to0 the maximum radius of expansion of dislocation loops as for the low
stress caese, equations (9), (11) and (18) are cambined. This gives for

the creep rate:
K= a2t D/o’Z,u (19)

vhich is valid up to stresses vhere nU'b /_xg becomes greater than one.
If unresolved stresses and strain rates are used, the right-hand side of
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the equation should be divided by 16 %V 2.

At stresses great enough that 3 " D°/KT is grester, jhan one, the
velocity is no longer given by equation (17) but L8 nowe

Ve (D/2h) axp (MTbVAT) (20)
The creep rate then becames _ 3 21
<= (x T AD /> bR Y app (2 T4 b/,ucr) (21)

One must assume, of course, in the application of equation (21)
that the included particles are strong enough to withstand the stresses
exerted by the diaslocations piled up against them, In the stress range
vhere equation (21) is valid, these stresses are wvery large and the
particles may fracture or plastically deform, giving rise to yielding
of the alloy. In this case, equation (21) merely ssts a lower limit to
the creep rste.

b) Steady-State Creep Defined by Dislocation Generation from Grain

Boxmde.ries.

In cases where the slip length and/or dislocation mobility is
severely restricted as compared with the rate of L£ndividusl dislocation
generation ifron a large number of dislocation souxrces, the rate-controlling
mechanism for steady-state creep behavior may be = function of the rate
of dislocation generation. The occurrence of this aspparently ancmalous
process, in vhich the faster of two presumebly comsecutive processes
becanes the rate-controlling process for steady-state creep behavior, is
simply explained. Conventionally, one considers a system containing e
constent mmber of operating dislocation.soirces. The rate of dislocation
generation fram these sources is controlled by the movement of previously
generated dislocations eway from the source, reducing the back stress on
the dislocation source, sllowing another dislocatfon to be produced. If,
however, grain bounderies ere the primary sources for dislocations {n the
naterial, end the grain size ic very smell; e.g., 5microns in diemeter,
there 1s on artremely large number of possible sources eveilable, only a
few of which are operating to generate dislocationis at any one time. If
the mobility of dislocations moving from any one source is severely limited,
during the period of time that the interaction or back stress of the dis-
locations prevents this source from generating another dislocation, some
other source mey become operative. 8Since in a fine-grained alloy there
are 80 many avallable sources, one can have each source become essentially
blocked after generating one dislocation and creep deformation would still
continue. The creep rate, in this case, is controlled by the rate st which
new sources on the grain boundary become operastive. This combination of
restricted dislocation mobility with & large mmbesr of available dislocation
sources, should be present in a fine-grained, dispersion-strengthened alloy.

The energy required to irec a dislocetion from a boundary is undoubtedly
stress-dependent and decreasocs vith decreasing stxess.® ket it be written
a8 ((07) Then in any narrov stress range sbout ey particular strees, 0;
the energy for this process can be written as:

e@)=QE)r & (-w) @
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Therefore, the rate of dislocation generation, end hence the creep
rate, K, can be described by an equation of the form:

K= Ay ( QKT ) ap (B/kT) (23)
where A is a constant,’ Q is equal to Q(¢3) — (4R /de) 75 and_B
equals - XQ/4r « In order to have a measursble creep rate, a stress
must be & ed which is:sufficient to reduce § to such a value that
equation {23) will predict creep rates larger than the test sensitivity.

¢) Alloy Desizn Based Upon Steady-State Creep Calculations.

The design of two-phase materials as regards steady-state creep
behavior is discussed on the basis of the preceding calculstions. Because
these calculations are only applicable for levels of applied stress below
the yleld stress, in general the-aspacts of alloy design for high yleld
strength are also appliceble to the design of two-phase materials for
reep reslstance.

1) Maoterials Seleciivume The coefficient of self-diffusion
of the matrix is the only property of either the matrix or of the
dispersed-phase which substantially affects the steady-state creep rate
of two-phase meterials at all ctress levels. As shown in equations (1),
(19), and (21), the steady-state creep rate, vhen dislocation-climb is
rate controlling, 1s proportional to the coefficient of self-diffusion in
the matrix. If possible, therefore, & matrix material should be chosen
vhich has & small coeffiecient of self-diffusion.

At high stresses, the stesdy-state creer rate is inverscly propor-
tional to the cube of the matrix shear moduluz. In oddition, the stress
wvhich delincates the change in creep behavior “rom low ptress, equation (14)
to high stress, equation (12}, behavior is ¢ woctly nropcrtional to the

shear modulus of the matrix. Since this stooor .71 :ntes the transition
between o steady-state creep rate which ic . -nriionel to the applied
stress to one which is proportional to the .zuh povow of the applied
stress, the matrix materisl should have & high stcwvr iudulus.

It is interesting to contrast the materials selection for increased
creep resistance with the materials selection for increased yleld strength.
For creep resistance the cholce of matrix material is of primary importence.
For increesed yleld strength, if the disperced-phecse 13 sufficiently fine,
only the selection of the dispersed-phase material is important.

11) Dispersed-Fhase Morvhology. Inspection of equations (14)
aod (19) indicetes that the steady-state creep rate is independent of
interparticle spacing at low stress levels, while at high stresses, the
craep rete 1s inversely proportional to the square of the dispersion
spacing. In addition, the stress which delineates low a2ud high stress
behavior is inversely proportional to the dispersion spacing. In fabri-
cating a two-phase materiel for greatest creep resistance, the mean free
path betveen dicpersed phase partlcles should, therefore, be s small es
poseible.

For low stress levels, the creep rate is inversely proportional to
the squore of the height of the particle es shown by equation (1k). At

REPRODUCED FROM
BEST AVAILABLE COPY
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high stresses, however, imspcction of equation (19) shows that the creep
rate is inversely proportional to the height of the particle, In con-
sidering the shape of dispersed-phase particles vhen designing alloys for
increased creep resistance, the combination of fine spacing and large
paxrticle height dictates the prererence for plate-shaped particles.

111) n » As indicated by equation (23), if
the matrix grain size is ly fine, the steady-state creep rate will
not be governed by dislocstion climb, but rather be controlled by the
rate of dislocation generation fram grain boundaries. This would produce
sn increaged creep rate es campared to the seme two-phase metsrial vhere
dialocation clinb was rate-controlling. For increased creep resistance,
the grain sizes of the matrix should be coarses

1v) BService Temperature, The effect of temperature upcn the
steady~state creep behavior of twvo-phase materials can be separated into
tvo areas, structural stability end temperature sensitive parameters in
the dreep equations.

The creep equations have been derived based upon & discrete mlcro-
structural configuration of dispersed-phese particles in a crystalline
matrix. Any change in the dispersion morphology will therefore change
the creep behavior, The effect of temperature upon microstructural con-
flgurgtion is, oI course, to reduce the overall gystem energy by spheroid-
1zing and coarsening the dispersed particles and attendantly increasing
the interparticle spacing. These processes all act to reduce creep resist-
ance, The problem of providing siructural stabllity in two-phase materials
has been discugsed previously, although perhaps not very satisfactorily,
in this paper. Of all the sspects of allcy design for creep resistaence,
the structural stebility i1s probebly the most important, and the least
vell understood.

If the structure is campletely steble, the variation of creep rate
vith temperature is governed primexrily by the activetion energy for self-
diffusion in the alloys where dislocation climb is rate-controlling and by
the strese dependent activation enexgy for dislocation generation froam
grain boundaries where dislocation generation is the rate-controlling
process for steady-state crecp. Additionally, vhen dislocation climd is
the rate-controlling process for creep, the creep rate is inversely pro-
portional to ebsolute temperature, and at high stress levels the creep
rate is inversely proportional to the cube of the stress-dependence of
the matrix sheer modulus.

-3tate Cree vior with yimental

In order to consider the validity of this proposed treatment of
the c¢reep behavior of two-phase crystalline solids, it would be desireble
to determine both 1f the calculations based upon the dislocation models
describe the cbserved creep behavior of such materials, and if the dislo-
cation models utilized sre consistent with direct observations of the
deformetion process. Unfortunctely, there is little date aveilsble which



describes the stesdy-state creep behavior of these materials, and no data
vhich concerns the nature of dislocation motion in two-phase materisdls during
the creep process. In this section, therefore, some experimental steedy-stete
creep data ore presented in terms of the theory in order to indicate the
apparent validity of the proposed theory.

1) Date for Alioys vhere Dislocation Climb is the Rate-Comtrolling
Process for Steady-State Cr2ep. Steady-state creep data for two coarse-
-gralned, recrystellized, al aluminum oxide SAP-Type alloys have been
‘obtained by Ansell and Lenel.<!» These alloys, designated AT-400 and
RP 15-30, were fabricated by campacting, hot pressing, and then hot extruding
two different grades of atomized aluminum powder. After this initiel febrica-
tion process, the alloys were heavily cold worked by wire drawing and then
anneeled, These recrystallized alloys, consisted of a fine dispersion of
alumimm o}d%f platelets in s relatively coerse greined (several millimeters
in dlemeter)= aluminum matrix. The dispersicu spacing was approximately
1 micron for the AT-400 alloy, and 6 microns for the RP 15-30 alloy.l?

Samples of these recrystallized alloys were creep tested at various
stresses, and temperatures. In Figure 9, the steady-state creep rates for
the two alloys at 500°C are shown on a logarithmic scale as & function of
stress. In addition, the creep rates predicted by equations (1) and (19)
for these alloys, assuming o =l, &t 500°C, end the creep ratet of high purity
aluminum at 483°C, are also shown, From these experimentel data and the calcu-
lated creep rates, several factors became apparent, First, the volume fraction
of delorming material, o¢, 18 quite low as indicated by the difference in rates
predicted theoretically, assuming K =1; Z.e., equivalent to single-phase '
materials, as compared with the observed creep rates., Second, the steady-
state crcep rates of these alloys at high stresses vary, as predicted, as
the fourth power of the applied stress. Third, the creep rates in this stress
range are proportional to the dispersion spacing. The creep rate of the
RP 15-30 alloy 1s sbout 32 times faster than the rate of the AT-400 alloy et
'bhe6same stress, while thelr respective dispersion spacings axrc at a retio
of to 1.

In order to determine the effect of temperature upon the creep behavior,
two methods were utilized. First, the activation energy for steady-state
creep was determined experimentally by conducting creep tests on the AT-400
alloy in which the stress was held constant and the test temperature sudienly
changed. Using equation (19), a value for the activation energy,® , of 37,000
cal/mole wes determined fram the creep rates at the two temperetures. This
value of activation energy for creep is in good sgreement with the activation
energy for self-diffusion in sluminum, indicating thot dlslocation climb
is the rate-controlling process for steady-state creep in this alloy. Second,
utilizing equation (19) ond the experimentslly determined volue of the
activation energy, the creep data obtained at several different temperatures,
over & wide range of stress, was normalized to & single test teuperature. A
plot of thin normalized data provided e continuosus relation of creep rate as
a function of stress, furtber irdication of the apparent validity of the
theoretical treatment.

Lenelg has Aetermined the steady-state creep behavior of a peries of
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Figure 9: Steady-state creep rate is plotted as
function of the =rrlied stress for high purity
aluminum and two aluminum-aluminum oxide SAP-Type
alloys. Theoretical curvecs are <hown assuminga =1

Figure 10: Electron fractographs of the
fracture surfaces of a) commercial purity
aluminum and b) aluminum-sluminum oxide
SAP-Type alloys.
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dispersion-strengthened lead alloys over a wide range of stress (200 to
2000 psi). His analysis of these dats indicated that the creep rate of
these alloys at low stresses wes proportional to the applied stress, while
at high stresses it was proportionsl to the fourth power of the stress.

11) Data for Alloys where Dislocation Genmeration From Grain
Boundaries 1s the Rate-Controlling Process for Steady-Steate Creep. Steady-
state creep data has been obtained for two fine-greined as-extruded aluminum-
aluminua oxide SAP-Type allays by Ansell and Weertzna.nel, and Achter and 1‘..10;((1%9
These alloys, MD-2100 and M-257 in the as-ext-uded condition, have needle-~like
grains, about flve microns in dismeter, but many microme lonz. Both have an
average disgpersed-particle spacing of approximately 0.5 microns. M-25T7 is a
camercial grade of Aluminum Powder Metallurgy Product.

The steady-siate creep rates of the two fine-grained alloys, when
nmeapgured at a single temperature, followed an equation of the type:

K= A s7p (Bo/kT) (2k)

vhere A and B are constants.

The data from several test temperatures could be normellized to a single
test temperature, utilizing equation (23), Thus these deta are. in qualite-
tive sgreement with the proposed thecry.

L. Fracture

Lo Y Iode.

In generel, when a two-These sggregate fractures, the separation mode
is a camplex process which can be categorized in simple texrms only under
certein conditionse Ia spite of this problem, however, it is possible
to delineate the effects of the dlsperced-phase upon the fracture process
in a qualitative wvay.

The presence of a dispersed-phase has a direct effect on the %SQ% of
fracture and inherent ductility of dispersion-strengthened alloys./v? 1 In
e metel nmatrix tiue dispersed-phase particles provide sites of high local
stress concentration, restrict dislocation mobility and reduce rapld work
hardening. The combination of local stress concentretions with restricted
dislocation mobility cen provide conditions where cleavage cracks can be
micleated even In a fcc metal matrix. This behavior 1s in direct contrast
to single~ phase {cc crystals vhere cleavege cracks normally cannot be
nucleated, either because dislocation berriers are too weak, or because
diglocations heve the ability to clrcumvent barriers by cross slip. In
eddition, the high dislocation mobility in these single-~phese crystals
allows stress relaxation to occur et the tips of rapidly moving cracks
introduced by other means,

In a relatively ductile metal matrix the dispersed-phase, therefore,
generally acts to reduce ductility hecause of tha_ihoreased tevdency towards
crack nucleation end growth coupled with rapid work hardening. In Figure 10
electron nicrographs of the fracture swiaces of pure aluminmn and aluminum
containing a fine dispercion of oluminum oxide are shown2 Both semples
were broken in lmpect at room temperature. The fracture gurface of the
aluminum semple is characterigtic of g ductile fallure, while thot of the
dispersion-strengthened =2]1loy shous evidence of creack nmucleation end
generation,
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In a relatively brittle metal matrix where the dislocation mobility is
restricted even without the presence of a dispersed second phase, the addition
of a2 dicpersed-phase can act to incriase ductility. This opparent ancmaly
ariges fxam the followlng argument:”+ In addition to the effects of a dlspersed-
phase discussed in comnection with a2 ductile metal matrix in brittle materials
where crack generation is relatively easy, the dispersed-phase particles serve
to: &) provide sites where cleavege cracks may open ehead of en advancing
crack front; b) dissipate the stress concentration which would otherwise
exist at the crack front; and c) alter the local effective state of stress
from plane strain to one of plane stress in the neighborhced of the crack
tip. Provided that the temperature is not too low, the aversge crack veloclty
is thereby reduced and the average work done per unlt ares of fracture suriace

.18 increeased.

Variations in the effect of the dilspersed-phaese upon fracture mode uicy
be achieved by changes iz dispersced particle morvhelcgy and in the character
of the matrix-dispersed vhage interiace, The interesting result of this
ergument concerning fracture mode is that o dispersion-strengthen=d alloy
mgy be nore or less ductile than 1ts metel matrix, depending prinerily on
the inherent ductility of the metrix alone.

Discussion

In the precedlng sectlons, =everal of the strength properties of dis-~
persion-strensthened ellays {i.c., ylelding behavior and stosdy-siate crocp)
have been handled in a rather fundamental wey with a falr degree ol success.
The other propertles discussed have been handled in a rather qualitative manner
because of the difficulty of considering them in terms of a unique dlelocation
or mctallurgilcal structure. In these areas, however, at least the experimental

data provided sufficient insight to provide a qualiintive desciiption,

There are some propertles of dispersion-strengthened alloys vhich at the
pregent time defy elther a fundementel or qualitative treotmont. These in-
clude, emong others, recovery and translent creep behavior. Since it eppears
pointless to present unconnected experimentsl data in areas vhere there is
little understanding at this time, thils treatment does not include any other
mechanical properties of two-phase alloys.
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